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The inﬂuence of microstructure evolution on the low-temperature superplasticity of ultraﬁne Tie6Ale4V
was established. For this purpose, the static and dynamic coarsening response and plastic-ﬂow behavior
of the alloy with a mean size of a (sub)grains and b particles of 0.1e0.4 mmwere determined via a series
of tension tests at temperatures between 450 and 700 C. Both static and dynamic coarsening exhibited
diffusion-controlled (r3-vs-time) kinetics. However, dynamic coarsening was approximately two orders
of magnitude faster than the corresponding static behaviors due to enhanced diffusion through the
deformed b matrix. A total elongation of 1000% and strain-rate-sensitivity exponent m ¼ 0.48 were
obtained at 550 C and 2  104 s1. Very limited cavitation was observed in the specimens after su-
perplastic deformation under optimal conditions.
© 2016 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.1. Introduction
A considerable decrease in grain size to a range between 0.1 and
1 mm can be attained through various techniques of severe or large
plastic deformation. Such microstructure reﬁnement leads to a
noticeable improvement in some mechanical properties (e.g.,
monotonic and cyclic strength, hardness, wear resistance) as well
as a signiﬁcant reduction in the temperature for superplastic (SP)
deformation. The latter beneﬁt has attracted great interest due to
the possibility to conduct superplastic forming (SPF) and/or SP-
assisted diffusion bonding at temperatures much lower than
those typically used for commercial production [e.g. 1, 2]. For
example, Lutfullin, et al. [3] reported successful diffusion bonding
of Tie6Ale4V with an ultraﬁne microstructure (d ¼ 0.2e0.4 mm) at
the very low temperature of 600 C. In addition, lower SPF tem-
peratures can result in: (i) the retention of high service-
temperature strength which is intrinsic to ultraﬁne-grain metals;
(ii) reduced surface oxidation on SPF parts; (iii) the possibility of
using less-expensive tool materials and (iv) decreased ﬂow stress
that considerably reduces tool wear during superplastic forming.
The decrease in SP deformation temperature associated withedu.ru (S.V. Zherebtsov).
Elsevier Ltd. All rights reserved.microstructure reﬁnement can be predicted from the Bird-
Mukherjee-Dorn equation [4]:
_ε ¼ ADGb
kT

b
d
ps
G
n
; (1)
in which _ε is the strain rate, kT is Boltzmann's constant times the
absolute temperature, D is the dominant temperature-dependent
diffusivity, G is the temperature-dependent shear modulus, b is
Burgers vector, d is the grain size, n is the stress exponent (n ¼ 1/m,
where m is the strain-rate-sensitivity exponent); and p and A are
constants. The low-temperature SP properties of two-phase tita-
nium alloys with an ultraﬁne-grain microstructure developed via
large deformation has been discussed in a number of earlier works
[5e9]. For example, SP behavior was observed at 600 C and a strain
rate of 5  104 s1 in Tie6Ale4V with a grain size of 0.3 mm
produced by warm multiaxial forging; the total elongation d and
strain-rate-sensitivity coefﬁcient m were 500% and 0.34, respec-
tively [10]. The same alloy with the same grain size produced by
ECAP showed d ¼ 296% andm ¼ 0.34 at 600 C and 1  104 s1[6].
The high-temperature SP behavior of various metallic materials,
including titanium alloys, is usually the result of concurrent grain-
or interphase-boundary sliding, grain-matrix dislocation activity,
and diffusional creep [2]. However, the contribution of these
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change with a reduction in temperature. For example, a decrease in
the SP properties of two-phase titanium alloys may be expected
due to a retardation in diffusion-controlled processes, an increase
in the fraction of the a phase (in which diffusion is much slower
than that in the b phase [11]), and/or a decrease in the fraction of b
per se. Another factor whichmay result in the decreased ductility is
the propensity of ultraﬁne titanium alloys for grain/particle growth
when the fraction of b phase decreases noticeably. Despite exten-
sive investigations of the constitutive behavior during low tem-
perature SP, detailed microstructure evolution data for ultraﬁne
Tie6Ale4V alloy have been presented only for temperatures above
775 C [5].
The aim of the present work, therefore, was to quantify micro-
structure evolution and the mechanical behavior of warm-worked
Tie6Ale4V with 0.1e0.4 mm a (sub)grains and b particles during SP
deformation at the very low temperature of 550 C. This investi-
gation is particularly relevant for the industrial application of su-
perplasticity due to the possibility of producing large-scale
preforms with a sub(grain) or particle size of ~0.2e0.5 mm by the
large-plastic-deformation method of isothermal, multiaxial forging
(MF). Furthermore, subsequent warm rolling of forgings with an
ultraﬁne preform microstructure can yield commercial-size sheets
with an average grain size of 0.65 mm. A detailed description of
these methods is given elsewhere [12e14].
2. Material and procedures
The program material consisted of the a/b titanium alloy
Tie6Ale4V with a nominal composition (in weight pct.) of 6.3 Al,
4.1 V, 0.18 Fe, 0.03 Si, 0.02 Zr, 0.01 C, 0.18 O, 0.01 N. It was supplied
in the form of a hot-rolled 40-mm diameter bar with a b-transus
temperature of 990 C. Bulk specimens measuring ~40  60 mm
with an ultraﬁne microstructure were produced by MF under
isothermal conditions. For this purpose, preforms which were
water quenched following beta annealing at 1010 C were worked
in the temperature interval of 700/ 475 C using a hydraulic press
equipped with isothermal-forging tooling. The nominal strain rate
was ~103 s1. Following MF, 4-mm-thick rolling preforms were
sectioned along the longitudinal axis by electric-discharge
machining. To increase microstructure homogeneity and to form
a speciﬁed (rolling) texture before SP tension testing, each plate
was rolled to sheet at 475 C under isothermal conditions. The
reduction per pass was 5e10%. The total reduction was ~50%, thus
yielding a ﬁnal sheet thickness of 2 mm.
Dog-bone shaped tension specimens with a reduced section
measuring 12  3  1.5 mm were machined from the sheets.
Tension tests were performed in an Instron mechanical-testing
machine at temperatures between 450 and 700 C with a con-
stant crosshead speed between 0.05 and 100mm/min or a constant
strain rate in the interval 2  105 s1e2  103 s1 at 550 C. The
strain rate sensitivity m was evaluated using the slope of
log s log _ε curves or strain-rate-change tests [15]. Despite un-
avoidable, albeit typically small, variations in microstructure with
temperature and strain rate, an approximate apparent activation
energy for plastic deformation (Q) was calculated from the semi-log
dependence of the true ﬂow stress ln(s/G) taken at a true strain
ε ¼ 0.1 on the inverse absolute temperature (1/T) for
_ε ¼ 5 104s1 and T ¼ 450e700 C.
The details of microstructure evolutionwere determined using a
JEOL JEM-2100FX transmission electron microscope (TEM) and a
Quanta 600 ﬁeld-emission-gun scanning-electron microscope (FEG
SEM). EBSD was conducted in a FEI Nova NanoSEM 450 FEG SEM
equipped with a Hikari EBSD detector and a TSL OIM™ system
version 6.0. EBSD maps of heavily deformed titanium alloy maycontain a number of pixels with low conﬁdence index (CI); the
pixels with CI < 0.1 (for the a phase) or CI < 0.06 (for the b phase)
were excluded from consideration.
The dislocation density was determined by counting the indi-
vidual dislocations within the grains/subgrains; the standard de-
viation was calculated using at least eight arbitrarily-selected TEM
images for each sample. The linear-intercept method was used to
determine the mean size of the (sub)grains or particles. To avoid
uncertainties in the identiﬁcation of the position of (sub)grain or
particle boundaries, some images of the same area were taken at
different sample stage angles.
The microstructures developed in both the gage section and
(un-deformed) shoulders of each specimen were examined to
determine the mechanisms and kinetics of dynamic and static
microstructural changes, respectively.
3. Results
3.1. Initial microstructure
Usually the microstructure of two-phase titanium alloys such as
Tie6Ale4V consists of a particles with a globular or lamellar
morphology lying within a continuous b matrix. Due to the rather
low volume fraction of the b phase in Tie6Ale4V at low tempera-
tures (<10% at 550 C) and the very large deformation which was
used to manufacture the program material, the matrix phase in the
present work (and related efforts [16,17]) appears to have changed
from b to a. That is to say, the a phase looked like a continuous
matrix with a typical grain structure while the b phase was usually
imbedded at triple junctions between the a phase (Fig. 1). However,
the appearance of the b phase as discrete particles could have been
an artifact associated with 2D observations. In this regard, recent
investigations [18,19] have shown that a phase which is seen on a
cross-section as separate particles may indeed be continuous, but
branched. After large deformation, the b phase, being initially the
matrix, could thus have remained continuous even with its very
low fraction and existed as both equiaxed particles (at triple junc-
tions) and very thin layers between a particles.
For the description of the evolution of the microstructure in
heavily-deformed Tie6Ale4V, attentionwas focused on several key
features (Fig. 1a): (i) a or b particles which were delineated by a/b
interphase boundaries and surrounded by the other phase and (ii) a
or b (sub)grains which were surrounded by the same phase and
delineated by a/a or b/b (sub)boundaries, respectively. The (sub)
grains of a or b lay within a or b particles, respectively; for the
presentmaterial, almost no (sub)boundaries were observed in the b
phase, thereby suggesting that its microstructure comprised
essentially a collection of particles. Classical models describing
microstructure instabilities such as grain growth or coarsening
during heat treatment or warm/hot deformation typically deal with
single-phase grains (sometimes pinned by a small volume fraction
of particles) or a small to moderate volume fraction of second-
phase particles in a continuous matrix phase. In the present case,
on the other hand, a large fraction of the a (sub)grains have a
portion of their boundary lying on the periphery of a particles; thus
a number of a grains are delineated by both a/a and a/b boundaries.
The migration of (sub)grain and interphase boundaries is described
by different expressions, thus complicating the analysis of micro-
structure evolution.
TEM examination revealed that the microstructure of the pro-
gram alloy after MF and rolling at 475 C (hereafter referred to as
the initial one), consisted of both a and b phasesmicro-constituents
with a mean size of the visible fragments (a (sub)grains and b
particles) with different contrast of 0.1e0.4 mm (Fig. 2a). Grain and
(sub)grain boundaries were often masked by multiple dislocation
Fig. 1. Microstructure of ultraﬁne Tie6Ale4V produced by large deformation at low
temperatures: (a) Schematic illustration of the possible distribution of the a and b
phases and microstructural constituents and (b) backscattered electron (BSE) image of
the microstructure following a heat treatment comprising 0.4 h at 550 C. In (b), the a
phase is dark, and b is light.
Fig. 2. Microstructure of Tie6Ale4V in the initial condition (after MF and rolling): (а)
TEM bright-ﬁeld image and (b) a-phase (sub)grain-size distribution.
S.V. Zherebtsov et al. / Acta Materialia 121 (2016) 152e163154pile-ups and extinction contours. A histogram of the a-phase (sub)
grain size (Fig. 2b) suggested a typical distribution in terms of shape
and the ratio of the maximum to mean size (i.e., ~2.5), often found
for single-phase alloys which have undergone discontinuous static
(or dynamic) recrystallization.3.2. Static coarsening
TEM revealed that heat treatment at 550 C for 100 h resulted in
a decrease in dislocation density (r) and the disappearance of some
pile-ups and sub-boundaries (Fig. 3a). The latter resulted in a
considerable increase in the size of a (sub)grains. After long-timeannealing, the subgrains grew more than twice in size (Table 1).
The decrease in r occurred rather quickly during the initial stages of
annealing at 550 C (i.e., during the initial 3.5 h) and then became
slower; r was reduced to 2.5  1014 m1 after 100 h (Fig. 3b).
Furthermore, the maximum soak time at 550 C (100 h) resulted in
the formation of a microstructure consisting of b particles and a
(sub)grains having rather low dislocation density and well-
distinguished boundaries (Fig. 3a).
During annealing at 550 C, SEM and EBSD analysis revealed
only modest growth of a and b particles (Fig. 4). After 100 h at this
temperature, the globular-a particles were 0.1e1 mm in diameter
with a mean value of 0.43 mm (Fig. 4a). There were almost no sub-
boundaries within the particles of the a phase, thus suggesting that
certain a (sub)grains had grown in size to those of their respective
particles in which they lay (Table 1). Uniformly-distributed, equi-
axed particles of the b phase (Fig. 4b) appeared not to form a
continuous network; however, EBSD analysis could neither conﬁrm
nor disprove this observation because of limited resolution in re-
gions near a/a or a/b boundaries. The (0002) a phase pole ﬁgure
(insert in Fig. 4a) consisted of basal poles somewhat uniformly
distributed along the transversal direction (TD) and slightly split
toward the rolling direction (RD). Qualitatively, the same texture for
this material was obtained by X-ray analysis in Ref. [8] for the initial
condition and after annealing at 550 C for 0.5 h.
Fig. 3. Microstructure of the ultraﬁne Tie6Ale4V after annealing at 550 C: (a) TEM for
a sample heat treated for 100 h and (b) dislocation density as a function of time.
Table 1
Measured and predicted sizes of a (sub)grains (da), a particles (Da), and b particles
(Db) in ultraﬁne Tie6Ale4V after annealing at T ¼ 550 C.
Time (h) da (mm) Da (mm) Db (mm) fb (Pct.) Da ¼ 4rb/3fb rafb/rb
0 0.14 0.24 0.11 3.5 2.36 0.067
0.75 0.17 0.25 0.12 3.6 2.42 0.069
2.0 0.24 0.25 0.13 4.0 2.28 0.073
3.5 0.26 0.26 0.15 3.9 2.63 0.066
10.0 0.28 0.28 0.16 3.4 2.96 0.063
19.2 0.30 0.30 0.18 3.8 3.16 0.063
60 0.32 0.38 0.25 4.1 4.06 0.062
100 0.38 0.43 0.28 3.7 4.34 0.066
Fig. 4. (a) EBSD inverse-pole-ﬁgure (IPF) map of the a phase (þthe corresponding
(0002)a pole ﬁgure and color key for the IPF map) and (b) BSE image of the ultraﬁne
Tie6Ale4V after annealing at 550 C for 100 h. The EBSD map is shown in the as-
scanned condition for points with a conﬁdence index greater than 0.1. (For interpre-
tation of the references to colour in this ﬁgure legend, the reader is referred to the web
version of this article.)
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be accompanied by a simultaneous increase in the size of b parti-
cles. The relationship between the diameter (Da) of the pinned
phase (which is supposed to be the a phase in the present case) and
the radius (rb) and volume fraction (fb) of the pinning phase was
described using a Zener-like relation [20] of the following form:
ra ¼ Crb/fb. For classic Zener behavior, pertinent to the pinning of
grains by a small volume fraction (0.01) of particles, the value of C
is 2/3 (0.67). For the present observations, a near-linear relationbetween ra and of rb/fb was indeed found for the samples annealed
at T ¼ 550 C (Fig. 5a); the slope Cwas equal to 0.06. The calculated
values of C ¼ rafb/rb fell in the interval of 0.062e0.076 (Table 1).
These values of C are almost an order of magnitude lower than that
for classic Zener behavior (0.67). Similarly, the predicted sizes of the
a particles (Da¼ 4rb/3fb) were an order of magnitude larger than the
measured sizes (Table 1).
The broad trend of decreasing of rafb/rb with a decrease in
annealing temperature (and volume fraction of beta) was observed
earlier [16]. In particular, the value of rafb/rb at 650 C was found to
be ~0.2 in comparison to 0.39e0.53 at 775e900 C. In plotting the
previous and current data together, the dependence of rafb/rb on
annealing temperature was in fact linear (Fig. 5b). According to this
trend, the value of C would became zero at ~500 C, thus corre-
sponding to the temperature below which Zener-like behavior is
not observed in Tie6Ale4V.
In earlier work [16,21], the kinetics of static coarsening of a
particles in Tie6Ale4V during annealing at temperatures between
Fig. 5. (a) Relation between the a and b particle sizes in Tie6Ale4V during static
annealing at 550 C for 0e100 h and (b) the value of rafb/rb as a function of annealing
temperature; the average values of rafb/rb for 650e900 C in (b) were taken from
Ref. [16].
Fig. 6. Plots of (a) ra-r0a and (b) r3a  r30a vs time at 550 C for ultraﬁne Ti-6Ale4V.
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Slyozov-Wagner (MLSW) relation of the form:
rna  rna0 ¼ KMLSW ðt  t0Þ in which n ¼ 3 and KMLSW is the
coarsening-rate constant. The value of n ¼ 3 suggested that
coarsening of the a phase was limited by solute diffusion through
the b matrix. In the present work, the static coarsening of the a
particles (Fig. 6a) was also approximated by a straight-line ﬁt when
plotted in terms of rna  rn0a vs. t with n ¼ 3 (Fig. 6b).
The applicability of the MLSWmodel was evaluated further by a
comparison of measured and predicted rate constants. The form of
the theoretical rate constant, KMLSW, for a ﬁnite volume fraction of
particles in a system comprising two concentrated alloy phases is
the following [21]:
KMLSW ¼
8f fð ÞDgabCb

1 Cb

VM
9RT

Ca  Cb
2h
1þ vln r=vln Cb
i ; (2)
in which f (f) describes the functional dependence of the rate
constant on volume fraction f, D denotes the diffusivity in the beta
matrix of the rate-limiting solute, gab is the energy associated with
particle-matrix (alpha-beta) interfaces (in J/m2), Ca and Cb are the
equilibrium concentrations in the a particle or beta matrix,
respectively, of the rate-limiting solute (expressed as an atomic
fraction), VM is the molar volume of the precipitate, R is theuniversal gas constant, and T is the absolute temperature and r is
the activity coefﬁcient of the rate-limiting solute in the beta matrix.
As shown in Ref. [21], the diffusion of vanadium through the b
matrix is rate limiting in comparison to the diffusion of aluminum.
Input data required to calculate the coarsening rate constant
comprise the molar volume of the a particles VM¼ 10440 mm3, the
a/b surface energy, taken here to be gab ¼ 0.26 J/m2 per Ref. [22].
The thermodynamic factor for vanadium solutes in b titanium
and the volume fraction function were taken to be equal to ~1
and ~4, respectively [21,23]. Based on the data reported in
Refs. [16,21], the composition term (i.e., Cb(1-Cb)/(Ca-Cb)2) at 550 C
was taken to be ~5.5. The measured diffusivities of vanadium
in the b phase were calculated from the expression
Dbv ðmm2=sÞ ¼ 77000 expð17460=TðKÞÞ[21], thereby yielding a
diffusivity of 4.7  105 mm2/s at 550 C. The predicted value of the
coarsening rate KMLSWwas thus found to be 1.1 103 mm3/h, which
is approximately an order of magnitude larger than the measured
value (Fig. 6b). Based on this comparison, it thus appears that the
MLSW model should be viewed as somewhat approximate for the
regime of low temperature and high volume fraction of particles
investigated in the present work.
In order to check the hypothesis regarding the persistence of
thin b layers in the microstructure, a specimen of ultraﬁne
Tie6Ale4V was annealed at 550 C for 10 h and examined using
energy-dispersive (X-ray) spectroscopy (EDS). The increased con-
centration of V found along an a/a boundary (indicated by the ar-
row in Fig. 7a) suggested either an increased grain-boundary
diffusivity of V or the presence of a very thin b layer between
Fig. 7. (a) EDS measurements of the distribution of chemical elements (Ti, V, Al) along
a straight line in a specimen annealed at 550 C for 10 h and (b) BSE image of
microstructure developed in ultraﬁne Tie6Ale4V during annealing at 815 C for
15 min.
Fig. 8. TEM micrographs for ultraﬁne Tie6Ale4V after superplastic ﬂow at 550C/
2  104 s1 to an elongation of (a) 200% or (b) 800%. The tension axis was vertical in
both cases.
Table 2
Measured and predicted sizes of a and b particles in ultraﬁne Tie6Ale4V after su-
perplastic deformation at 550 C and 2  104 s1.
Elong. (%) Time (h) Da (mm) Db (mm) fb (Pct) Da ¼ 4rb/3fb rafb/rb
0 0 0.24 0.11 3.5 2.09 0.08
100 2.0 0.57 0.23 3.9 3.93 0.09
200 4.3 0.73 0.29 4.1 4.72 0.10
500 9.9 0.98 0.36 4.3 5.58 0.12
800 17.3 1.15 0.42 4.5 6.22 0.13
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into account the usual control of coarsening kinetics by the diffu-
sion of vanadium. On the other hand, the rapid transformation of
equiaxed b particles situated at triple junctions of a grains during a
short exposure time (15 min) at 815 C into plate-like b layers can
also be associated with the pre-existence of b between some a/a
boundaries.3.3. Dynamic coarsening
Coarsening of the ultraﬁne Tie6Ale4V microstructure during
superplastic deformation was found to be much more pronounced
in comparison with that during static annealing at an equivalent
temperature (Fig. 8, Table 2). During superplastic deformation at
550 C and 2 104 s1, for example, the size of (sub)grains of the a
phase and particles of the b phases increased continuously. More-
over, their boundaries became less distorted and more-sharplydelineated. In addition, the dislocation density r decreased
noticeably as a result of deformation (Fig. 9). The steady decrease in
r was observed until an elongation of 500% (Fig. 9a); further
deformation was not accompanied by a noticeable change in r.
Increasing the strain rate at 550 C resulted in an increase in r
(measured at 100% elongation) (Fig. 9b). It reached a level compa-
rable to that in the initial condition for a strain rate of 5  102 s1.
However, the results did show a local plateau in dislocation density
for strain rates between 2  104 and 103 s1.
EBSD analysis also showed a considerable increase in the size of
the a particles during superplastic deformation at 550 C and
Fig. 9. Dislocation density developed in ultraﬁne Tie6Ale4V during superplastic ﬂow
at 550 C as a function of (a) elongation at a strain rate of 2  104 s1 or (b) strain rate
for an elongation of 100%.
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other hand, the shapes of the phases following very high elongation
remained equiaxed, which is typical of superplasticity at much
higher temperatures [1,2]. Moreover the (0002)a pole ﬁgure (insert
in Fig. 10a) showed a pronounced randomization of the initial
texture (insert in Fig. 4a), i.e., a marker of grain/subgrain rotations
due to grain-boundary sliding, or one of themainmechanisms of SP
deformation. In addition, the a-phase particles were almost free of
substructure. The b phase in SEM images appeared as quite-
uniformly distributed particles having a slightly-elongated shape
(indicated by the arrows in Fig. 10c). EBSD analysis also suggested
that the b phase comprised a continuous network dividing a par-
ticles (Fig. 10b).
Quantitative examination of dynamic-coarsening results was
generally in good agreement with conclusions drawn from the
static-coarsening behavior quantiﬁed at the same temperature
(550 C). The growth of a and b particles during deformation
occurred generally in agreement with a Zener-like model with a
value of C z 0.13. The predicted sizes of a particles were ~5e10
times larger than the measured values (Table 2). The coarsening of
the a phase was also described by the relation rn  rn0 ¼ f ðtÞ with
the best ﬁt for n ¼ 3 (Fig. 11).
As expected, a comparison of coarsening rates (Figs. 6b and 11)
showed that the dynamic value was greater than the static one; i.e.,by approximately two orders of magnitude. According to the pre-
vious high-temperature observations [16], this increase can be
ascribed to enhanced diffusion associated with the generation of
dislocation substructure in the b phase through which solutes are
being transported. The factor by which diffusion was enhanced
during low-temperature deformation, however, was somewhat
greater than that observed previously for higher-temperature
deformation, i.e., 4 to 10, and may be associated with redistribu-
tion of the b phase in the structure (from triple junctions to in-
terfaces between a particles) during superplastic ﬂow.3.4. Superplastic behavior
Fig. 12 summarizes the mechanical properties of the ultraﬁne
alloy as a function of temperature and strain rate. An increase in
deformation temperature increased the ductility and resulted in a
marked decrease in ﬂow stress (Fig. 12a). At Т ¼ 550С and
_ε ¼ 5 104s1, the total elongation was ~810%. A further increase
in temperature led to a small increase in elongation, a trend likely
mitigated by oxidation and the formation of an alpha case. An ex-
amination of specimens strained at different temperatures showed
that deformation at 550 C occurred most homogeneously. The
effect of strain rate on the mechanical behavior at 550 C was also
typical of that for superplastic deformation (Fig. 12b). The optimal
SP parameters for the ultraﬁne alloy were thus T ¼ 550 C and a
strain rate of 2  104 s1 which resulted in d z 1000% and
m ¼ 0.43.
The shapes of the ﬂow curves for the ultraﬁne material at
Т¼ 550С showed a noticeable dependence on strain rate (Fig.13a).
At 2  103 s1, the ﬂow curve exhibited a peak ﬂow stress at the
initial stages of deformation followed by pronounced ﬂow soft-
ening. A decrease in strain rate to the optimal value of 2  104 s1
changed the mechanical behavior to a marked ﬂow-hardening
response suggestive of dynamic coarsening [5]. A similar behavior
was observed at the yet lower strain rate of 2  105 s1. In general,
such behaviors are typical of SP ﬂow. However, there were large
differences in the levels of ﬂow stress. For the optimal condition at
2  104 s1, the ﬂow stress was 150e200 MPa. This is approxi-
mately an order of magnitude higher than that typically observed
for high-temperature superplasticity at the same strain rate [1].
Such high ﬂow stresses can limit the application of superplastic
(blow) forming at this very low temperature because the amount of
pressure at which this manufacturing technique is typically per-
formed may not be sufﬁcient. However, the results of [3] do
demonstrate the applicability of blow forming at 600 C for ultra-
ﬁne Tie6Ale4V.
Additional insight into the mechanism of plastic ﬂow was pro-
vided by measurements of the strain-rate sensitivity of the ﬂow
stress (m value). The value of m showed a noticeable dependence
on strain (Fig. 13b). For the strain-rate range between 2  104 and
5  104 s1, the m value increased with deformation from 0.39 to
0.48. The most rapid increase occurred during the beginning of
deformation and then became less pronounced. The simultaneous
increase in both the m value and ﬂow stress with strain may be
associated with the complex interactions of dynamic coarsening
and a transition of sliding along boundaries which are mainly a/a to
those which are primarily a/b due to transformation of the b phase
into being the matrix during deformation.
The magnitude of the ﬂow stress s and the m value of the ul-
traﬁne Tie6Ale4Vwas interpreted in terms of the Bird-Mukherjee-
Dorn generalized constitutive relation (Eq. (1)), which was rear-
ranged to obtain an expression for the product of the two unknown
quantities, AD; viz.
Fig. 10. (a) EBSD inverse-pole-ﬁgure maps of the a (þthe corresponding (0002)a pole
ﬁgure; the color key is the same as in Fig. 4a), (b) color-coded phase map, and (c) BSE
image of the ultraﬁne Tie6Ale4V after superplastic deformation at 550 C/2  104 s1
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nd
b
p
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Values of the right-hand side of Eq. (3) were calculated using
measurements of s and d ¼ Dafor an elongation of 800% (Table 2,
Fig.13a) at a strain rate of 2 104 and T¼ 550 C, assuming n¼ 2.1
(z1/0.48, where 0.48 is the correspondingm value at the end of the
superplastic tension test, Fig. 13b). This value of the stress exponent
n indicated that GBS was likely accommodated by dislocation glide-
climb, which would yield n ¼ 2.
Quantitative models to describe superplastic ﬂow accommo-
dated by slip processes have also been developed by Ball and
Hutchinson [24], Mukherjee [25], and Langdon [26]. In these
models, stress concentrations developed at triple points due to
grain-boundary sliding are assumed to be accommodated by climb-
limited glide of dislocations either into or along the grain bound-
aries. However, descriptions of superplastic deformation in two-
phase alloys are complicated by the different properties of the two
phases as well as the presence of interphase and intergranular
boundaries. For a/btitanium alloys in which the two phases exhibit
noticeably-different deformation behavior and rates of bulk diffu-
sion, the core-mantle model proposed by Gifkins [27] seems more
suitable. In particular, good agreement of the Gifkins model with
experimental observations was noted in Ref. [16] for low-
temperature superplastic ﬂow of ultraﬁne Tie6Ale4V.
In the Gifkins model, each grain consists of a core region sur-
rounded by a deformable mantle of variable width. Stress concen-
trations developed at triple points due to GBS are assumed to be
accommodated by climb-limited glide of dislocations in the vicinity
of grain boundaries (i.e., mantle regions) or diffusional ﬂow either
through the grains or along the grain boundaries. The interpreta-
tion of the low-temperature superplastic behavior of two-phase
titanium alloy in terms of the core-mantle model [16] suggested
that the a phase was the core (the core size was taken to be the
alpha particle size Da) and the other parameters were based on the
properties of the mantle (which was taken to be the b regions
surrounding the alpha particles).
The grain-size exponent of the strain rate (p) was determined to
be ~1.8 by applying the relation p ¼ n[log(s2/s1)]/[log(ra2/ra1)], in
which the ﬂow stresses (s) and a particle radii (ra) were evaluated
at elongations of 100 and 800% (Table 2, Fig. 13a). The value of pz 2
also corresponds to GBS accommodated by matrix dislocation
motion.
Other material properties in Eq. (3) as well as log(AD) data for
temperatures between 650 and 955 C were taken from Ref. [16]:
the value of G ~ 20 GPa was taken to be the shear modulus of b
titanium; the length of the Burgers vector bwas assumed to be that
for unalloyed b titanium (0.287 nm). The temperature dependence
of G was neglected based on ultrasonic measurements of Young's
modulus, which indicated very little effect of temperature for the b
phase [28]. As shown in Fig. 14a, the value of log(AD) for 550 C and
2  104s1 fell rather close to the trend line obtained in Ref. [16]
for higher temperatures. This suggested that the core-mantle
model can still be applied to superplastic ﬂow at the very low
temperature of 550 C.
The apparent activation energy found in Refs. [16,29]
(Q ¼ 160 kJ/mol) was very close to that calculated in the present
work from a plot of ln(s/G) vs. 1/T. For the optimal parameters ofto 800% elongation. The IPF map is shown in the as-scanned conditions for points with
a conﬁdence index CI > 0.1. The tension directions were vertical in all cases. (For
interpretation of the references to colour in this ﬁgure legend, the reader is referred to
the web version of this article.)
Fig. 11. Plot of r3a  r30a vs. time during superplastic deformation of ultraﬁne Tie6A-
le4V at 550 C and 2  104 s1.
Fig. 12. Mechanical properties of ultraﬁne Tie6Ale4V as a function of (a) deformation
temperature at ε ¼ 5  104 s1 and (b) strain rate at Т ¼ 550С. The stress level was
deﬁned at ε ~ 0.2.
Fig. 13. (a) True stress-true strain curves for ultraﬁne Tie6Ale4V at Т ¼ 550 C and
various constant strain rates and (b) strain dependence of the m value at 550 C
determined from strain-rate jump tests.
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In an earlier work for the same alloy [6], a similar value of
Q ¼ 176 kJ/mol for region II (superplastic) ﬂow was determined for
T ¼ 600С. These values of activation energy are close to that
determined for the bulk diffusivity of vanadium and aluminum in
beta titanium (145 and 150 kJ/mol, respectively) [30] and for self-
diffusion in beta titanium (131e153 kJ/mol) [31e33] at tempera-
tures between 900 C and 1540 C. Thus, it might be hypothesized
that the deformation mechanism operating at lower temperatures
for the UFG Tie6Ale4V is indeed GBS accommodated by dislocation
glide-climb and, perhaps to a less degree, by solute diffusion.3.5. Porosity
The ultraﬁne microstructure of the present Tie6Ale4V material
was also found to be beneﬁcial in retarding the formation of
porosity during low-temperature superplastic ﬂow. A few isolated
voids were observed in the vicinity of the fracture surface of
specimens tested at 600 C and a strain rate 5  104 s1, while
there were no cavities whatsoever in a specimen strained at 550 C
and 5  104 s1. For other strain rates between 2  104 s1 and
5  103 s1 at 500 C, essentially no porosity was detected
metallographically. Measurements of the gage-section density after
SP tension tests (based on Archimedes' principle) revealed similar
results; i.e., an absence of cavitation within the limits of experi-
mental error.
4. Discussion
The present results revealed prominent SP-deformation char-
acteristics for ultraﬁne Tie6Ale4V at the extremely low tempera-
ture of 550 C, which is approximately 400 C lower than the typical
SP deformation temperature for this alloy with a much coarser
microstructure [1]. In addition to a very high total elongation
(1000%) and m z 0.4 under optimal SP conditions, the ultraﬁne
alloy demonstrated extremely limited cavitation and a pronounced
difference between the kinetics of static and dynamic coarsening.
These features are discussed below.
Fig. 14. (a) Semilog plot of AD vs. 1/T used to determine the deformation mechanism
during superplastic ﬂow of ultraﬁne Tie6Ale4V and (b) semilog plot of s/G vs. 1/T for
the calculation of the apparent activation energy of ultraﬁne Tie6Ale4V.
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The observed redistribution of the b phase within the micro-
structure of the ultraﬁne Tie6Ale4V alloy during superplastic ﬂow
at 550 C appears to be an important factor in the development of
good mechanical properties, limited cavitation, and the large dif-
ference in static vs dynamic microstructural coarsening. Immedi-
ately after severewarmworking via MF and rolling, the b phasewas
situated mainly at triple junctions in the form of discrete, equiaxed
particles and along some a/a grain/particle boundaries in the formof
very thin layers. After superplastic ﬂow in tension, on the other
hand, the b phase appeared to have formed a continuous network
separating the a particles. This transformation of themorphology of
the beta phase suggests extensive diffusion along a/a grains/particle
boundaries andmaybe associatedwith (i) the called “wetting”effect
in the solid state and/or (ii) anisotropy of the interphase boundaries.
The complete or partial wetting of grain boundaries of a high
melting point component by a low-melting point phase for various
alloys at elevated temperatures (but below the melting point, i.e.,
when both phases are solid [34]) has been studied in a number of
previous works [35,36]. The modes of complete or partial wetting
depend on the ratio between the a/a grain-boundary and a/b
interphase-boundary energies (ggb and gib, respectively) [34]. If
ggb  2gib then the b phase particles tend to reduce their surface
area and develop lens-like shapes. If ggb > 2gib, the b phase tends toincrease its surface via “wetting” the a/a boundary. The equilibrium
reversible transition between complete and incomplete grain-
boundary wetting by a second solid phase has been observed in
both Zr- and Ti-based alloys [37e39]. Due to the considerable in-
crease in the energy of grain boundaries ggb, severe plastic defor-
mation may shift the position of the critical solution/dissolution
points towards lower temperatures thereby allowing low-
temperature grain-boundary wetting [40,41].
The equilibrium condition between grain boundary and inter-
phase boundary energies ggb ¼ 2gibcos(q/2), in which q is the
contact angle, is correct only in case of isotropic interfacial energies
and for a stress-free state. By contrast, the interphase energy in
two-phase titanium alloys is anisotropic in nature, which may also
promote the transformation of the morphology of the b phase from
globular to plate-like during long-term annealing [42,43]. The
plate-like morphology of b particles may increase the fraction of
surfaces with lower energy. However, two points should be taken
into account considering the interphase boundary energy in a
wrought alloy in comparison with that in a well-annealed colony-a
microstructure. First, deformation conditions with an excess of
lattice dislocations do not promote the formation of well-organized
low-energy a/b interfaces [22]. This factor can be in some degree
mitigated during annealing due to recovery processes or during SP
ﬂow. Second, neighboring a particles in a wrought alloy in the most
general case have high-anglemisorientations. Thus, the b phase can
form a low-energy a/b interface with only one a particle, while the
other a/b boundary with the adjacent a particle most likely would
have a higher energy. In the latter case, the interface energy can be
decreased by the formation of a series of ledges consisting of low-
index planes of both phases [44,45].
The transformation of a near-globular b particle situated at tri-
ple junctions of a particles should be associated with diffusion of V
along a/a boundaries; the net effect of this process is the formation
of plate-like b layers between some a grains. An increased con-
centration of V was in fact observed along some boundaries as
indicated by the arrow in Fig. 7a. Fig. 7b shows a considerable
number of a/a interfaces decorated with b after annealing at 815 C,
thereby corroborating the possible occurrence of “wetting” of a/a
grain boundaries by the b phase.
It was postulated in Ref. [40] that a soft lubricating layer of the
second phase (Zn) existing along Al/Al grain boundaries in an
AleZn alloy facilitates GBS, thereby providing very high ductility.
Therefore, a similar effect can be expected for Tie6Ale4V when
layers of the soft b phase are present between a particles.
4.2. Magnitude of the ﬂow stress
Despite the reﬁned microstructural scale, the higher ﬂow
stresses measured in the present work compared to previous
measurements can be ascribed largely to the marked decrease in
the diffusivity at the lower temperatures utilized and the features
of the microstructure. For a Tie6Ale4V sheet with an a particle size
of ~2 mm, for example, the ﬂow stress at 775 C and 2  104 s1
was ~17.5 MPa [5]. For the present ultraﬁne material with
Da ¼ 0.24 mm, the initial ﬂow stress at 550 C and 2  104 s1 was
almost seven times as high, i.e., 130 MPa (Fig. 13a). Such differences
can be interpreted in the context of Eq. (1). At a ﬁxed strain rate,
rearrangement of this relation yields the following:
s ¼ A

dp
h
TeQ=RT
i1
=n; (4)
where A is a constant. Taking Da¼ d¼ 0.24 and 2 mmat T¼ 550 and
775 C, respectively, n ¼ 2, p ¼ 1.8, and Q ¼ 150 kJ/mol, the ratio of
the ﬂow stresses at a ﬁxed strain rate would be predicted to be 1.4,
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from Eq. (4) is quite approximate because the values of n, p, and Q
may depend in some complex fashion on the grain size, the dis-
tribution of the phases, and temperature, thereby giving rise to a
discrepancy between the predicted and the measured values of
ﬂow stress.
Another possible explanation of this result can be associated
with the distribution of the b-phase in the microstructure at the
beginning of deformation. As mentioned above, the b phase in the
initial condition of the microstructure existed as both equiaxed
particles at triple junctions and as very thin layers between a
particles. It may be surmised that the thin layers of the b phase are
unable to accommodate all of the applied strain, suggesting that the
core-mantle model cannot be used for the description of the
deformation behavior during the early stage of deformation. After
large deformation, on the other hand, the b phase becomes redis-
tributed and forms a rather well-deﬁned, continuous network. At
this stage, the b phase divides the a particles (Fig. 10b) and starts to
behave truly as a “mantle”. The applicability of the core-mantle
model at the later stages of plastic ﬂow was conﬁrmed by a good
correlation of log(AD) obtained for the large strain at 550 C and
prior results obtained at higher temperatures (Fig. 14a).
These suggestions are in good agreement with the explanation
given in Refs. [46,47] for the “unusual” superplastic behavior of
Tie6Ale4V at 775e825 C in terms of the general features of the
deformation of a composite aggregate of relatively-hard a grains
and softer b grains with different a/b phase ratios and particle sizes.
4.3. Retardation of cavitation
It is well known that a decrease in grain size retards the
development of porosity, especially in titanium alloys [1,2]. How-
ever, the almost total lack of voids in specimens deformed under
superplastic conditions to few hundred percent seems quite un-
usual. Cavity nucleation is generally a result of the stress concen-
trations arising from incomplete accommodations of GBS. In
particular, stress concentrations are likely to develop at sites such
as triple points at which boundary sliding is impeded. Cavities may
nucleate if the stress concentrations are not relieved sufﬁciently
rapidly. In ultraﬁne materials, stress concentrations are relatively
weak due to the small mean free length (average space between
triple points) associated with GBS. An increase in the critical radius
for cavity nucleation rc as a result of a decrease in grain size Da can
be deduced from the following expression [48]:
rc ¼ 2g
s
 2Das
3E
; (5)
in which g denotes the surface energy, s is the remote applied
stress, and E is Young's modulus. In this model, the occurrence of
cavitation is associated with the formation of vacancy clusters
where dislocation pile-ups meet grain boundaries. However, cal-
culations for the present ultraﬁne material revealed that the value
of rc was approximately an order of magnitude smaller than the
(sub)grain radius thereby suggesting a rather-high probability for
cavity nucleation. In other work, Chokshi [49], using earlier models
of Raj [50] and Riedel [51], estimated the critical grain size Dcr for
cavity nucleation as
Dcr

26FvEU
kT
1 =3 g
2s
; (6)
in which Fv is a shape factor (z1), and U is the atomic volume
(z0.7 b3). In the present work the critical (sub)grain size was found
to be 40e50 nm for an applied stress s ¼ 200 MPa. Thus,calculations based on this alternate expression can also not explain
why voids were not formed.
The presence of a soft layer (such as b) between hard grains/
particles (of a), which is not considered in prior models, may be
hypothesized as the primary reason for the suppression of cavita-
tion during superplastic deformation in ultraﬁne Tie6Ale4V. The
high dislocation density in the warm-worked material, well-
developed substructure, and the non-equilibrium condition of
grain/interphase boundaries may also promote a high diffusivity
(due to both grain boundary and pipe diffusion) and thus relieve
stress concentrations via diffusional creep. In addition, the stress-
enhanced local diffusivity and high surface energy of the in-
terfaces promoted the coarsening of (sub)grain and particles (Sec-
tions 3.2 and 3.3), i.e., boundary migration. This stress-assisted
(sub)grain and particle boundary migration would also relieve
stress concentrations and possibly reduce the amount of cavitation.
These hypotheses warrant additional research, however.
5. Conclusions
The low-temperature static- and dynamic-coarsening kinetics
and plastic-ﬂow behavior of ultraﬁne Tie6Ale4V were established
via a series of isothermal tension tests. From this work, the
following conclusions were drawn.
1. The deformation behavior of the ultraﬁne Tie6Ale4Vwith a size
of a (sub)grains and b particles between 0.1 and 0.4 mm at low
temperatures (~550 C) and strain rates of 105 to 103 s1 is
superplastic with anm value of ~0.48 and total elongation up to
1000%. Superplastic deformation of the ultraﬁne Tie6Ale4V
under the optimal conditions does not give rise to noticeable
cavitation.
2. Ultraﬁne Tie6Ale4V undergoes measurable static coarsening of
a over periods of time of the order of 0e100 h. This coarsening
follows r3 vs time kinetics and is thus diffusion controlled.
3. Dynamic coarsening at low temperatures (550 C) occurs at
rates which are approximately two orders of magnitude faster
than the corresponding static-coarsening rates. This behavior
can be ascribed to the enhancement of diffusion through the
deformed b matrix.
4. The very high mechanical properties, limited cavitation, and the
large difference in static vs dynamic microstructural coarsening
of the ultraﬁne alloy at 550 С can be associated with the
redistribution of the b phase from triple-junction locations to
the matrix during SP deformation.
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